of silicon content and allows the crystallite size distribution and dislocation content to be followed in detail for all phases present in the powder. Neither microscopy nor the traditional Scherrer equation can reveal such a detailed picture in this case. Short milling times are sufficient to homogenize the microstructure and to obtain nanoscale crystallites. Long milling times are advantageous to increase the dislocation density that might be favorable for subsequent sintering.
Introduction
Due to their low density, aluminum and its alloys find many applications in several industrial fields ranging e.g. from aeronautics to automotive [1, 2] . The applicability range is however limited by the poor strength and hardness of these materials. This is not just an intrinsic structural limitation, but also the result of the production and forming processes. During the conventional solidification, in fact, several microconstituents form, resulting in macrosegregation and porosity [3] . In non-equilibrium solidification, like in the rotating electrode process (REP), a more refined microstructure with smaller dendritic arm spacing (DAS) is obtained [4] .
Much research has been carried out to increase the properties of light alloys. The creation of metal matrix composites (MMCs) is a viable solution, as the toughness of the metal is combined with the hardness and wear resistance of a reinforcing component [5] [6] [7] . The best properties are obtained when the reinforcing particles are nano-sized and uniformly distributed in the metal matrix. Several aluminum matrix composites (AMCs) have been proposed in the literature, by dispersing a tough ceramic (e.g. Al 2 O 3 , TiC, SiC, B 4 C, TiB 2 ) in an aluminum or aluminum alloy (e.g. 2014, 6061, 7075) matrix [8] [9] [10] [11] .
Powder metallurgy (PM) is one of the most common fabrication processes for MMC components, as it can guarantee a better microstructural control and minimizing the interactions between matrix and reinforcement [12] . The MMC powder can be produced using different techniques: mechanical milling is probably the most convenient, as it can assurance a larger homogeneity in the distribution of the reinforcement, low processing temperature and can activate the material for sintering at lower temperatures.
In order to optimize the powder production process, it would be necessary to estimate the effectiveness of the milling and to establish the optimal conditions (especially in terms of milling time), to obtain a homogeneous nanocomposite. Microscopy observation and mechanical characterization would give a direct information on the characteristics of the milled powder. Microscopy should be done however on crosssectioned powder grains and the mechanical characterization would be limited to micro or nano-hardness testing, being the material in a powdered state. A possible fast and nondestructive alternative is that given by X-ray diffraction: the diffraction pattern bear information on the phases present in the powder, on their structure and on the overall microstructure (size of the crystallites, lattice distortion), which are expected to vary during the milling.
Diffraction can be the only viable alternative for the study of MMCs with a complex microstructure (e.g. hypo or hypereutectic alloys). This is the case of the reinforcement of the A356 aluminum alloy powders with silicon nitride Si 3 N 4 . The presence of the silicon both in the matrix and in the reinforcement limits the capabilities of microscopy to understand the evolution of the microstructure during the production of the AMC powder. The aim of this work is to evaluate the production of A356-Si 3 N 4 AMC powders by mechanical milling, and in particular to analyze the evolution of the microstructure with the milling time as a function of the reinforcement content.
2.
Experimental procedure
Sample preparation and processing
Aluminum, silicon, and magnesium of commercial purity were employed for the production of the A356 aluminum alloy (Al, 7 wt% Si, 0.25% Mg). The solids were molten in an Inductotherm Power-Trak 35-96 induction furnace and the resulting alloy cast into cylindrical sand molds. The cylinders were machined and subsequently atomized by the rotating electrode process (REP) in a glove box under controlled argon atmosphere. Alpha silicon nitride (Si 3 N 4 ) Grade M11, manufactured by H.C. Starck, was added to the metal powder in order to obtain A356-Si 3 N 4 composites with different mass fractions (10, 20 and 30%) . The powders were prepared in a RETSCH PM400 planetary ball mill using stainless steel jars (500 ml) and hardened steel balls (12 mm in diameter). The powders were milled for 3, 6, 9, 12 and 15 h with a ball/powder weight ratio of 20:1 at a sun wheel speed ˝ = 360 rpm and a planet/sun speed ratio ω/˝ = 2:1. Stearic acid (200 mg) was used as milling agent. The milling process was discontinuous, consisting of 1 h of milling followed by 0.5 h of resting, to limit the heating of the jars. The loading and unloading of the jars were carried out in a glove box under controlled argon atmosphere, as to limit the oxidation of the powder.
For conciseness, the specimens will be named x%-nh where x is the quantity of reinforcement and n is the milling time. As an example, 10%-3 h represents the powder with 10% Si 3 N 4 milled for 3 h and 0%-0 h the as-prepared A356 aluminum alloy.
Optical microscopy
For each of the samples, a small quantity of powder was coldassembled in epoxy resin. After a curing of 24 h, the test pieces were polished using wetted 500, 600, 1500 and 2500 sandpaper and finished with 2 m alumina paste. The samples were then characterized in a Leica DM LM/P optical microscope connected to a 5 MP digital camera.
X-ray diffraction measurements and analysis
The materials were investigated by X-ray powder diffraction (XRPD) with a Bruker D8 Advance diffractometer using Bragg Brentano -2 flat-plate geometry and a LynxEye position-sensitive detector. Cu K␣ radiation (Cu = 0.15406 nm) produced at 45 kV, 40 mA was employed. The patterns were collected in the 10-90 • 2 range with a scan step of 0.02 • and a time of 0.2 s per step. A Ni-filter was used to reduce background and beta radiation contamination. To align the instrument and to characterize its contribution to the diffraction line profiles, the pattern of the NIST SRM 660a LaB 6 line position and line shape standard powder was collected. Phase identification was performed using the ICDD SIEVE+ software and the ICDD PDF4+ database (release 2018). The whole powder pattern modeling (WPPM) was employed for the analysis of the microstructure and the determination of the unit cell parameters of the phases identified in the powders [13] . The WPPM uses physical models for the microstructure to synthesize the observed profiles and a nonlinear least squares procedure to determine the best set of parameters that reproduce the experimental observation. Several models were tested using the PM2K software implementing the WPPM [14] . The average contrast factor, necessary to determine the dislocation density in the various phases, was determined using the general procedure outlined in Ref. [15] . The data needed for the calculation will be specified on a case-by-case basis.
Transmission electron microscopy analysis
Transmission electron microscopy (TEM) and energydispersive X-ray spectroscopy (EDS) analysis were conducted in a FEI Tecnai F20 operated at 200 kV in scanning TEM mode. The sample powder was dispersed in isopropanol by ultrasonic stirring for 15 min and the dispersion was dropped in carbon-copper grids. In order to remove organic contamination, the grids were exposed to an argon plasma cleaning before microscopy measurements.
Results and discussion
Phase identification performed on the X-ray powder diffraction patterns of the milled specimens reveals the presence of:
• a major fcc phase similar to bulk aluminum (ICDD PDF-4+ card 00-004-0787, space group Fm3m);
• a cubic diamond phase similar to bulk silicon (ICDD PDF-4+ card 00-027-1402, space group Fd3m);
• hexagonal ␣-Si 3 N 4 (ICDD PDF-4+ card 04-005-5074, space group P31c);
• hexagonal ␤-Si 3 N 4 (ICDD PDF-4+ card 00-033-1160, space group P6 3 /m).
The first two phases can be justified on the basis of the Si-Al phase diagram, showing a limited miscibility of the two elements. Tw o polymorphs of silicon nitride can be identified in all patterns; the initial powder (guaranteed ␣-Si 3 N 4 fraction af 90%) is therefore a mixture of the ␣-Si 3 N 4 and the ␤-Si 3 N 4 polymorphs.
Microstructural evolution analysis
The traditional tool employed to determine the size of the coherently scattering domains (crystallites) from XRPD data is Scherrer equation [16] :
where D h k l is the so-called "average crystallite size", K is a constant depending on the shape and close to 1 [17] , is the wavelength of the X-rays, ˇh k l is the full width at half maximum (FWHM) of the peak in rad and h k l is the position of the peak. The hypotheses under which Eq. (1) was derived are usually quite different from those met in a real specimen and in a modern XRPD pattern. As a consequence, deviations from the true picture of the material are expected. A pseudo-Voigt function is usually employed to fit the most intense peak of the phase under study, in order to obtain, in an easy way, the peak position and FWHM.
As an example, Fig. 1(a) shows the pseudo-Voigt fit of the most intense diffraction peak of the fcc phase for the 10%-3 h specimen. The presence of both the K␣ 1 and K␣ 2 components, was taken into account. The same operation can be done for all collected data to estimate, via Eq. (1), a trend of size versus milling time. The result for the present specimens is shown in Fig. 1(b) .
A progressive reduction of the crystallite size down to an asymptotic limit is observed for the major fcc phase in the powder. The presence of the ceramic reinforcement is to effectively increase the efficacy of the milling.
A similar trend of the crystallite size with the milling time is typically observed in the production of nanostructured materials via mechanical milling (see e.g. [18] or see [19] for a powder similar to those analyzed here). The result is however always obtained by using Eq. (1) i.e. without considering the actual details of the peak shape [20] [21] [22] . To understand the possible issues related to this fact, Fig. 2(a) shows the pseudo-Voigt fit of a region containing a nitride peak and the (2 0 0) fcc peak of the same pattern previously analyzed in Fig. 1(a) . The shape of the experimental peak is clearly different from the model (see the features in the difference plot), but it should in fact provide the same fit quality and result obtained for the (1 1 1) reflection. As a matter of fact neither the pseudo-Voigt function nor Scherrer equation are expected to model the diffraction data ab initio, as they are not based on realistic/physical models for the microstructure.
The WPPM has been developed to allow for the finer details of the microstructure to be modeled based on a one-to-one correspondence between microstructure feature and profile shape (and therefore also FWHM) [13] . The analysis is performed by fitting the whole diffraction pattern with a single model for the specimen microstructure, whose parameters can be tuned until all experimental features are correctly (2 0 0) peak of the 10%-3 h powder: raw data (black line), model (red line) and residual (blue line). Fit using a pseudo-Voigt curve (a), WPPM using a lognormal distribution (b), a free-form size distribution (c), two fcc phases with independent lognormal distribution (d). WPPM of the pattern using two fcc phases and two nitride phases (e) and corresponding size distributions for the fcc phases (f). (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.) described. Fig. 2(b) shows an example of the modeling performed under the hypothesis that the crystallites are on average spherical and distributed according to a lognormal curve. The presence of defects, under the form of dislocations, was also assumed. The single crystal elastic constants needed to calculate the average contrast factor for the various phases present in the system are not available, being the phases not pure. For the fcc phase, the single crystal elastic constants of Al were considered [23] to calculate the average contrast factor for the primary slip system ½{1 1 1}<1 1 0> [24] . Albeit more physical than the result of Fig. 2(a) , the model is still unable to fully describe the observed evidence: some extra intensity is present on the low-angle tail of the (2 0 0) peak. This might be the result of a deviation of the actual size distribution from the lognormal curve, usually taken as standard in the analysis of nano-sized powders. To verify this hypothesis, Fig. 2(c) shows a modeling of the same data by using arbitrarily-distributed spheres (see [25] for details on the model). The tip of the peak is not well modeled; we should remember that the algorithm tries to accommodate simultaneously all peaks in the system and variations in the peak shape at a given angle has to be compatible with the variation observed at all other angles.
It is likely that a distribution of sizes and of cell parameters is simultaneously present. An inhomogeneous microstructure can be predicted on the basis of the Al-Si phase diagram [26] considering that the A356 aluminum alloy is hypoeutectic. The alloy obtained by conventional melting and casting is expected to be composed of a primary dendritic phase (fcc Al-rich), a lamellar eutectic mixture of ␣-Al and Si, and some Si segregation regions [27] . However, the powder analyzed here is obtained by the rotating electrode process, where solidification occurs out of equilibrium. As a result, the interdendritic spacing is smaller and the quantity of eutectic is greatly reduced. The microstructure is then composed of a large number of primary fcc dendrites supersaturated in Si and a small amount of fine eutectic, as evident in the optical micrograph of Fig. 3 .
In the unmilled powder, two fcc peaks are therefore expected in the diffraction pattern: one for the primary supersaturated ␣-phase and one, very small, for the eutectic ␣-phase. During the milling, the quantity of supersaturated phase reduces, as some of the material starts to move toward the equilibrium composition. As soon as the milling starts, we expect to see a major fcc phase peak corresponding to the primary phase in transition, and a tail (at higher angle) corresponding to the core of the dendrites that needs longer time for a complete Si diffusion. This situation has been effectively modeled by considering two independent fcc phases in the WPPM (cf. Fig. 2(d) for the (2 0 0) peak and in Fig. 2(e) for the whole pattern). The two size distributions are shown in Fig. 2(f) ; as expected, a longer tail (i.e. the presence of larger domains) is observed for the supersaturated phase. The power of the presented method to highlight fine details in the microstructure is evident here and further suggests that Scherrer equation should be employed only qualitatively for the analysis of complex systems.
As the milling time and the reinforcement content increases, the peaks become more symmetrical and a single fcc phase suffices to model data. This is due to the rejection of the solute from the supersaturated phase caused by the energy introduced in the milling process.
The evolution of the crystallite size with milling time for the major fcc ␣-Al is shown in Fig. 4(a) . As an example, Fig. 4(c) proposes the trend of the size distributions for the major fcc phase in the sample containing 30% Si 3 N 4 ; such plots could be compared directly with TEM results. Unfortunately, TEM cannot provide, in this case, such a size distribution, as the contribution of the various fcc phases (similar composition) could hardly be separated. Due to the presence of the reinforcement, a separation based on the Si content at the scale needed for the analysis would not be viable. A direct comparison between the WPPM and the Scherrer results is in general not possible (see e.g. [28] ). In fact, the WPPM result in the true mean size (first moment of the size distribution), whereas the result of Scherrer analysis is, in the best case, the ratio between the third and the second moment of the size distribution. The large differences at low milling time are mainly due to the fact that the Scherrer calculation considers a compound breadth that includes the two different ␣ phases present in the system. At higher milling times, the peak shape differences introduced by an evolving size distribution can be captured by the WPPM resulting in a more physical trend of the data.
The dislocation density gives a good idea about the effectiveness of the milling process in terms of the possible negative effect of heating (dynamic recovery) that would slow down the storage of mechanical energy under the form of severe deformation. Fig. 4(b) shows the trend of the dislocation density versus milling time for the powders studied here. During the first hours of milling we observe an overall stability in the dislocation density, that starts to increase when the domain size stabilizes. This is in agreement with the finding of [29] in pure Al: at low milling times, the material is subjected to recovery and most of the new grain boundaries that form are low-angle ones (LAGBs). At higher milling times the high-angle grain boundaries (HAGBs), increase in number. The local strain and the effective number of dislocations associated with a HAGB is larger than for a LAGB and as a consequence the observed dislocation density increases more rapidly. The hard reinforcement, acting as extra milling agent, and the smaller domain size (i.e. larger grain boundary area) contribute to the further increase in the dislocation density observed in the specimens containing 30% Si 3 N 4 .
Lattice parameter variation
The lattice parameter estimated for the major (primary) fcc phase of 10%-3 h and 20%-3 h (see Fig. 5(a) ) is higher than that of pure Al (a 0,Al = 0.40494 nm, ICDD PDF-4+ card 00-004-0787). It is not possible to estimate the cell parameter for the atomized unmilled powder, as a large number of nonequilibrium fcc phases seem to be present. As already pointed out, the Al-Si system forms a eutectic mixture: the Al Si bonds are therefore weaker than both the Al Al and Si Si bonds (see e.g. [30] ). Thus, there is some degree of repulsion between Al and Si. As a consequence, the lattice parameter of Al is expected to increase when Si is added to it, even if the rule of mixtures based on the atomic radius would indicate otherwise. The supersaturation of the fcc ␣-Al phases in the system is the cause for the excessively larger lattice parameter of the starting powder, which reduces during the milling process. This diminution is associated with a gradual stabilization of the fcc ␣-Al phase due to the rejection of solute, till the solubility limit is reached. It is therefore expected that the lattice parameter reaches an asymptotic value as the milling proceeds. As a further source of cell parameter decrease, the increase in the free volume caused by the introduction of vacancies during mechanical milling, has also to be considered [18] . The initial decrease of the lattice parameter is lost when a higher content of reinforcing particles is added to the system. The (hard) reinforcing particles enhance the milling process by increasing the amount of fracture and the local deformation exerted on the metal matrix. As a result, similar milling effects are obtained in a shorter time.
As can be seen in Fig. 5(a) , the fcc ␣-Al lattice parameter tends to increase for all alloy composites after a certain milling time. As stated by Zhang [31] , the accumulation of vacancies in the powder particles increases dramatically at the initial stage of milling, until it reaches a maximum value. After that, a higher dislocation density sink causes faster vacancy annihilation rate. As result, the Al lattice parameter increases. The literature proposes contrasting results for the variation of the lattice parameter in milled Al alloys [32] [33] [34] at high milling times.
3.3.
Lattice parameter dependence of the crystallite size A non-monotonic variation of the lattice parameter, similar to the one found here, has been reported e.g. by Rane et al. [35] and by Srivastav et al. [36] . A mathematical model has been proposed to interpret the observed variations in the cell parameter as a function of the microstructure. The authors found that the lattice parameter increases when the excess free volume increases and decreases when the enhanced interfacial energy with the grain size is reduced. A critical grain size exists at which the reversal of the trend occurs.
In order to determine the relative lattice parameter change a/a 0 with decreasing crystallite size D, the following Eq. (2) was used [35] :
where a 1 is the effect of interface stress, a 2 is the effect of excess free volume at the grain boundaries, is the grain-boundary thickness, a 0 is the lattice parameter of the undistorted coarse-grained material, s is the surface/interface tension, K is the bulk modulus and V is the excess free volume at the grain boundary, Fig. 5(b) ). The model proposed in Ref. [35] is perhaps too simple in this case, as it was developed for pure elements and considers only the effects of excess free volume at the grain boundaries and interface stress. The system under study, on the contrary, contains multiple interacting phases that change with the milling time and a ceramic reinforcement. A simple model considering all those factors cannot be easily built on diffraction data alone.
3.4.
Morphological characterization of the composites A356-Si 3 N 4 Representative TEM images of the A356-Si 3 N 4 composites particles at 6 h of milling are depicted in Fig. 6 . The punctual STEM analysis shows that it was possible to identify the Si 3 N 4 particles embedded in the A356 alloy for the three compositions. This is indicated in the images by the little circles that correspond to the adjacent EDX spectra (EDX 1 and EDX 2). The EDX 1 point corresponds to the reinforcement particle (Si 3 N 4 ) in which the high Si content and the presence of N in the EDX spectra is characteristic. On the contrary, the EDX 2 point corresponds to the matrix (A356 alloy). The slight amount of Fe present in most of the EDX analysis, is due to contamination from the milling process. Careful observations allow to conclude that in the three composites, the morphologically similar reinforcing particles are close to 100 nm in size and homogeneously dispersed embedded in the matrix.
Conclusions
An aluminum matrix composite was obtained by co-milling a A356 aluminum alloy powder -obtained by means of the rotating electrode process -with Si 3 N 4 particles. The whole powder pattern modeling of the diffraction data shows a rather complex microstructure that evolves rapidly in the first hours of milling. In the early stages of milling the inhomogeneous distribution of silicon resulting from the production is gradually leveled out. The crystallite size reduces rapidly with the milling to an asymptotic value. When a homogeneous composition is obtained, the crystallite size remains approximately constant and the dislocation density starts to increase. The trend in the average lattice parameter can hardly be explained in terms of the available models that consider just grain boundary energy and free volume increase with decreasing domain size. The reinforcing particles act as milling agents: when the amount increases, the refinement of the microstructure is faster. The reinforcing particles are embedded in the matrix and homogeneously dispersed in the composites.
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